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Microstructures and mechanical properties of Al-Ni-Co-Fe-Cr high-entropy alloys (HEAs) were investigated by systematically varying transition metals instead of Al, within the chemical formula of Al2M14 (M
represents different mutations of transition metals). The formation of different crystal structures (FCC,
BCC, or FCCþBCC mixture) and its effects on the resulting mechanical properties of this series of HEAs,
both in tension and compression, were evaluated. It was found that, in the BCC-dominated HEAs, ordered
B2 precipitates were always coherently dispersed in the BCC solid-solution matrix. The shape of these B2
precipitates was strongly affected by the lattice misﬁt between the disordered BCC and ordered B2. A
uniform distribution of cuboidal B2 particles could be obtained by properly adjusting M, thus the lattice
misﬁt, in a manner similar to that in Ni-based superalloys. Strengthening effects caused by different BCC/
B2 morphologies were also estimated and compared with experimental measurements. The optimal
strengthening as a function of the shape and size of the coherent precipitates was discussed in light of
the lattice misﬁt in these HEAs.
© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The development of new types of metallic materials always
draws large attention from materials community because of the
potential of engineering applications. Traditional design of structural alloys is to select the principal element based on a speciﬁc
property requirement, and further to use alloying additions to
confer secondary properties without sacriﬁcing the primary property. Such design concept has led to the development of many
advanced alloys and, over the past few decades, signiﬁcant
knowledge and theories about alloys based on one principal
component have been accumulated. Recently, a new class of
compositionally complex alloys, namely, high-entropy alloys
(HEAs) or multi-principal elements alloys (MPEAs), has developed
and these alloys exhibited many unique properties, for example,
high strength/ductility and good fracture toughness [1e6].
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Different from the traditional alloys, HEAs generally contain multiple principal elements (>5) in equimolar or near-equimolar proportions and often have a simple crystal structure, e.g., facecentered cubic (FCC), body-centered cubic (BCC), hexagonal closepacked (HCP) solid solutions, or their ordered derivatives (such as
cP4-AuCu3 (L12) and cP2-CsCl (B2)) [5e8]. Interestingly, common
strengthening mechanisms found in traditional alloys, such as solid
solution strengthening [9], precipitation strengthening [10,11],
dislocation and grain boundary strengthening [12], as well as TWIP
(twinning-induced plasticity) and TRIP (transformation-induced
plasticity) effects [13,14], have all been reported to occur in HEAs.
Based on the constituent elements, HEAs can be classiﬁed into
three types: late transition metals (LTMs, e.g., Mn, Fe, Co, Ni, Cu)based FCC HEAs [12e21], early transition metals (ETMs, e.g., Ti, V,
Mo, W)-based BCC refractory high-entropy alloys (RHEAs) [22e26],
and Al-TMs HEAs (including mixed ETMs and LTMs) with dualphase structures (FCCþBCC) [27e36]. A large variety of crystal
phases and microstructures render HEAs with diverse properties,
especially mechanical properties. For example, an FCC single-phase
CoCrFeMnNi HEA (also known as Cantor Alloy), as a result of easy
twinning in the material, exhibited a higher work hardening
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capability and improved ductility than all the traditional alloys at
cryogenic temperatures [15]. Some metastable HEAs with a nonequimolar mixing of elements also showed prominent mechanical properties induced by either TWIP or TRIP effect [13,14]. The
highest strength has been reported in BCC-based RHEAs, such as
CrNbTiVZr [22]. In the case of Al-LTM HEAs, in particular, the mechanical properties appeared to be tunable because of their
microstructural diversities. An Al0.5NiCoFeCrCu HEA [30], which
has a dual-phase FCC/BCC structure, exhibited a higher tensile
strength than the single-phase FCC (AlxNiCoFeCr) HEAs with the Al
content less than 0.3 [32e35].
For material strengthening, it has been demonstrated that,
through alloying, coherent spherical L12-Ni3(Al, Ti) particles were
produced in an FCC (FeCoNiCr)94Ti2Al4 HEA (in atomic percent, at.
%) which led to a signiﬁcant strength improvement [10]. This result
is intriguing since precipitation hardening is well known to occur in
traditional Ni-based and Co-based superalloys with g-FCC/g0 -L12
microstructures [37e39], in which the mechanism actually dominates the high-temperature performance. However, despite of the
fact that precipitation strengthening has been widely reported in
FCC-based alloys, the mechanism appears to occur much less often
in BCC-based alloys. Coherent nanoprecipitation has not yet been
developed to enhance ultra-high strength ferritic steels [40,41]. It
was fascinating to note that, in a recent study of a BCC lightweight
AlMo0.5NbTa0.5TiZr HEA, cuboidal BCC particles were observed to
coherently embed in the B2 matrix, besides some plate-like BCC
precipitates [27]. In addition, alloying Al to FCC-HEAs has been
recognized and frequently used to shift the structure from FCC to
BCC for the strength improvement [31e35]. However, in the high
Al-containing BCC HEAs, the B2 and BCC phases often form a
weave-like microstructure, as a result of spinodal decomposition
[31e35]. Consequently, the plasticity of these BCC HEAs is severely
deteriorated, for example, the high-strength AlNiCoFeCr has
virtually no tensile ductility [31]. It is challenging, but highly
desirable, to produce microstructures with a uniform distribution
of ordered B2 particles in disordered BCC alloy matrix.
Whereas adjusting the Al content is frequently used to alter the
microstructures of Al-TM HEAs [32e35], there was limited or no
effort to study the role of transition metals. Therefore, in this study,
we aim at investigating the microstructural evolution and the
corresponding mechanical properties of the Al-Ni-Co-Fe-Cr (Al-TM)
alloy system by mutating the transition metals, instead of varying
the Al content. The HEAs used for this study are designed based on
the cluster formula approach we recently developed [42,43]. The
shape and size of the coherently-precipitated BCC or B2 particles
formed in these HEAs will be discussed in light of lattice misﬁt.
Strength improvement caused by the presence of coherent B2
precipitates in BCC-dominant alloys will be analyzed and the stability of these precipitates at high temperatures will also be
addressed.
2. Composition design of Al-Ni-Co-Fe-Cr HEAs based on the
cluster formula approach
The cluster formula approach [42,43] used for the design of alloy
compositions was based on the chemical short-range orders
(CSROs) in solid solutions proposed initially by Cowley [44] and
Friedel [45]. The stronger CSROs (denoted as the nearest-neighbor
clusters centered by a solute atom having strong interaction with
the base solvent atoms) are interconnected by additional atoms (i.e.
glue atoms with weak interactions) to form dense-packed 3D
structure. In essence, this cluster approach visualizes CSROs in a
solid solution as a local structural unit consisting of a nearestneighbor cluster surrounded by several glue atoms. Consequently,
a composition formula of [cluster](glues)m can be obtained, in

which the nearest-neighbor clusters are cuboctahedron with a
coordination number of 12 (CN12) and a rhombi-dodecahedron
with CN14 in FCC and BCC solid solutions, respectively [42,43].
Since HEAs can be treated as a special kind of solid solution alloys,
CSROs have been conﬁrmed in some HEAs by both neutron scattering experiments and simulations [46e48]. Thus, it is conceivable
that the cluster formula approach can also conveniently extend to
HEAs; in fact, the cluster model was recently validated in HEAs by
neutron experiments [49].
In Al-TM HEA systems, Al interacts strongly with transition
metals, while TMs are expected to exhibit only weak mutual interactions, as indicated by the enthalpies of mixing DH [50]. For AlNi-Co-Fe-Cr, the enthalpies of mixing between Al-TM are DHAl1
1
1
Ni ¼ 22 kJ mol , DHAl-Co ¼ 19 kJ mol , DHAl-Fe ¼ 11 kJ mol ,
and DHAl-Cr ¼ 10 kJ mol1, much higher than those between TMs
(enthalpies of mixing are nearly to zero [50]). Consequently, when
applying the cluster formula approach to this system, all the TMs
can be simply treated as a single virtual element M of the base
solvent and Al serves as the solute element. Thus, the AlxNiCoFeCr
HEA series can be simply expressed by the pseudo-binary AlxM4,
where M ¼ Ni1Co1Fe1Cr1 is the equimolar mixing of TMs. Following
this notion, the alloy composition of Al2M14 (Al12.5M87.5, at. %),
derived from the cluster formula for either the FCC ([AlM12](M2Al1)) or BCC ([Al-M14]Al1) structures, is actually close to the
upper limit of the Al-content (i.e., Al11.1M88.9 or Al0.5M4) reported in
the single-phase FCC-AlxNiCoFeCr alloys [32]. The crystal structures
of Al2M14 HEAs might be varied through changing the proportion of
M from an equimolar mixing of TMs to a non-equimolar mixing,
since all these TMs are different FCC- or BCC-stabilized elements.
Therefore, in the present work a series of new Al-Ni-Co-Fe-Cr
HEAs are designed and synthesized based on the composition
formula Al2M14, in which Al is ﬁxed and M represents different
mutations of the four transition metals. These alloys are speciﬁcally
denoted as M1111 ¼ Ni1Co1Fe1Cr1 (No.1 alloy in Table 1),
M4433 ¼ Ni4Co4Fe3Cr3 (No.2), M1121 ¼ Ni1Co1Fe2Cr1 (No.3), and
M1112 ¼ Ni1Co1Fe1Cr2 (No.4). To evaluate the effect of Al addition,
another alloy with a higher Al content, speciﬁcally, Al3M14
(M ¼ Ni1Co1Fe1Cr1) (No.5) was also synthesized and studied. These
alloys and their speciﬁc chemical compositions (at. %) are summarized in Table 1.
3. Experimental
Alloys used in this study were prepared by means of arc melting
and suction cast into a 6 mm-diameter cylindrical copper mold
under an argon atmosphere. Purities of the raw elemental metals
are 99.99% for Al, Co, Fe, and Ni, and 99.9% for Cr, respectively.
Mixtures of raw materials with appropriate compositions and a
total weight of about 15 g were remelted at least four times to
ensure chemical homogeneity before suction-casting. In order to
investigate the microstructural stability of coherent precipitates at
high temperatures, No.4 alloy samples (M1112 ¼ Ni1Co1Fe1Cr2) with
a size of f6  8 mm were additionally heat-treated at temperatures
of 673, 873, 973, and 1073 K for 2 h and, then, followed by waterquenching.
Crystalline phases in these as-cast alloys were identiﬁed using a
Bruker D8 X-ray diffractometer (XRD) with the Cu-Ka radiation
(l ¼ 0.15406 nm), in which the external standard method was
applied to calculate the lattice constants [51]. The microstructure
was examined using either Olympus optical microscopy (OM), Zeiss
Supra 55 scanning electron microscopy (SEM) with an energy
dispersive spectrometer (EDS), Philips Tecnai G2 transmission
electron microscopy (TEM) equipped with a selected-area electron
diffraction (SAED) analysis, or Tecnai F30 scanning transmission
electron microscopy (STEM). The etching solution used for sample
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Table 1
Data summary for Al2M14 and Al3M14 alloy systems, including chemical composition, valence electron concentration (VEC), microhardness (HV), compressive yield strength scy,
tensile yield strength sty, tensile ultimate strength stUTS, uniform elongation d, phase constitutions and their volume fraction.
No.
1
2
3
4
5

M
Al2(NiCoFeCr)14
(M1111)
Al2(Ni4Co4Fe3Cr3)14
(M4433)
Al2(NiCoFe2Cr)14
(M1121)
Al2(NiCoFeCr2)14
(M1112)
Al3(NiCoFeCr)14
(Al3M14)

scy

sty

stUTS

d

(MPa)

(MPa)

(MPa)

(%)

285

614

598

930

15.6

7.75

205

387

346

>728

>33.0

Al12.5Ni17.5Co17.5Fe35Cr17.5

7.55

485

1085

991

1245

8.2

Al12.5Ni17.5Co17.5Fe17.5Cr35

7.20

626

1718

e

e

e

FCC matrix
þ BCC/B2 (~35%)
FCC matrix
þ BCC/B2 (~15%)
BCC/B2 matrix
þ FCC (~25%)
BCC/B2

Al17.64Ni20.59Co20.59Fe20.59Cr20.59

7.32

531

1399

e

e

e

BCC/B2

Chemical compositions
(at. %)

VEC

Al12.5Ni21.875Co21.875Fe21.875Cr21.875

7.59

Al12.5Ni25Co25Fe18.75Cr18.75

preparation for optical microscopy (OM) and SEM observations
contains 5 g FeCl3$6H2O þ 25 ml HCl þ 25 ml C2H5OH, and the TEM
samples were prepared by twin-jet electro-polishing in a solution
of 10% HClO4 þ 90% C2H5OH (volume fraction) at a cryogenic
temperature of 243 K. Statistical analysis on the volume fraction of
FCC and BCC/B2 phases were performed with at least 6 OM images,
and those on the particle size as well as volume fraction of precipitates in BCC/B2 regions were performed with at least 6 SEM or
TEM morphology images.
For mechanical evaluation, both uniaxial compressive and tensile tests were conducted on an 810 Material Test System (MTS) at a
nominal strain rate of 2  104/s at room temperature. Cylindrical
samples for compression have a size of f3  6 mm were machined
directly from the f6 mm cast rods. The rod-shaped tensile samples
have a gauge dimension of 3 mm in diameter and 25 mm in length.
For tensile tests, an extensometer was used to measure directly the
deformation strain. For compression, the machine stiffness was ﬁrst
determined in order to compensate the deformation from test
frame to get the real strain. It was measured by compressing a
large-size (15 mm in diameter) 310S stainless steel sample with a
known Young's modulus of 205 GPa, from which the forcedisplacement curve was obtained and machine stiffness was
deduced after subtracting the elastic contribution from the 310S
sample. The measured machine stiffness was subsequently integrated in the compressive strain to properly convert engineering
compression to true compression. Two WC spacers were inserted
between the compression platform and the test samples (top and
bottom) during compression. At least three specimens of each alloy
were tested, both tension and compression, under each condition.
The fractography of several representative HEAs after tension was
also examined using SEM. Values of microhardness of HEAs were
measured using a HVS-1000 Vickers hardness tester under a constant load of 500 g for 20 s and at least 15 indents were taken.
4. Results
4.1. Microstructural characteristics
XRD patterns obtained from the as-cast alloys are shown in
Fig. 1. The baseline alloy M1111 (No.1) consists of a dual-phase
structure with the primary FCC plus 35% of BCC phase. With an
addition of the FCC-stabilizers such as Ni and Co (both with a closepacked structure), diffraction peaks from BCC phase is suppressed,
but the FCC phase is enhanced, for example, in M4433 alloy (No.2).
This morphological change is also conﬁrmed by the OM observation, as shown in Fig. 2a and b. In Fig. 2a, the alloy matrix of M1111
contains mainly bright FCC dendrites with dark BCC phase sandwiched between these dendrites, and the volume fraction of the
BCC phase is estimated to be about 35%. In comparison, the amount

HV

Phase constitution þ
Volume fraction (%)

Fig. 1. XRD patterns from the as-cast Al2M14 and Al3M14 HEAs, in which M represents
different mutations of transition metals of Ni, Co, Fe and Cr.

of BCC phase in M4433 is signiﬁcantly reduced to only about 15%
(Fig. 2b).
By contrast, when BCC-stabilizers such as Fe or Cr (with nonclose-packed structure) is added to M1111, the alloy structure
tends to shift from FCC to BCC, as revealed by both the XRD and OM/
SEM results. For instance, the microstructure of additional Fecontaining M1121 alloy (No.3) consists of coarse columnar BCC
dendrites with 25% of FCC phase distributed within the interdendritic regions (Fig. 2c). In fact, when excessive strong BCCstabilizer Cr is added (M1112), the structure becomes entirely BCC
without any FCC phase (Fig. 2d). Therefore, by adjusting the combinations of TMs without the equimolar restriction, it is possible to
alter the phase constitutions as well as the morphologies in the
Al2M14 alloy system, in a fashion similar to that to vary only the Al
content. It is particularly pointed out that, the currently studied
Al3M14 alloy (No.5), which contains a higher Al, also exhibits a
single BCC structure with columnar dendrites (Fig. 2e), quite similar
to M1112. The phase constitutions and their volume fractions in
these HEAs are listed in Table 1. The chemical compositions and
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Fig. 2. OM micrographs of the as-cast Al2M14 HEAs, (a) M1111, (b) M4433, (c) M1121, and (d) M1112; and Al3M14 HEA (e).

phases in different regions in these as-cast samples were measured
by SEM-EDS and listed in Table 2. The measured compositions of
the as-cast HEAs are noted to be quite close to their nominal values.
Also, Al and Ni appear to distribute preferentially in the BCC/B2
regions, whereas Co and Fe appear to enter into the FCC regions.
To further reveal the microstructure of these samples in details,
we selected three representative HEAs, speciﬁcally, FCC-dominated
M4433, and BCC-dominated M1121 and M1112, for comparison. In the

FCC-dominant alloy M4433, in addition to the major FCC dendritic
matrix (Fig. 3a), the inter-dendritic region is composed of a composite morphology of ellipsoidal BCC nanoparticles (about
30e60 nm in dimension) dispersed in a B2 matrix, as shown in
Fig. 3b. These BCC nanoparticles are actually coherent with the
ordered B2 matrix, as indicated by the selected-area electron
diffraction (SAED) pattern in the inset of Fig. 3b. Such a B2/BCC
morphology has not yet been reported in Al-TM based HEAs with a

Table 2
Chemical compositions (at. %) in different regions or phases in the designed Al2M14 and Al3M14 HEAs measured by EDS. The variations for the EDS results are represented by the
standard deviation from the measured series.
Alloys

Regionsa

M1111

O
DR
ID
O
DR
ID
O
DR
ID
O
O

M4433

M1121

M1112
Al3M14
a

Crystal Structure
FCC
BCC/B2
FCC
BCC/B2
BCC/B2
FCC
BCC/B2
BCC/B2

O: overall, DR: dendritic region, ID: inter-dendritic region.

Al

Ni

Co

Fe

Cr

13.0 ± 0.6
9.4 ± 0.7
13.4 ± 0.7
12.7 ± 0.7
9.2 ± 0.6
21.2 ± 0.9
13.9 ± 0.6
14.5 ± 0.8
12.5 ± 0.5
13.0 ± 0.6
17.7 ± 0.7

21.7 ± 0.8
21.4 ± 1.1
22.6 ± 0.9
23.9 ± 1.1
25.4 ± 1.0
29.9 ± 1.0
17.6 ± 0.8
17.0 ± 1.0
17.4 ± 0.8
17.1 ± 0.7
20.7 ± 0.8

22.4 ± 0.7
23.5 ± 1.0
21.4 ± 0.9
25.6 ± 1.0
26.5 ± 0.9
21.1 ± 0.9
17.1 ± 1.0
16.6 ± 0.9
17.5 ± 0.7
17.7 ± 0.7
21.0 ± 0.8

21.4 ± 0.7
24.5 ± 0.9
21.0 ± 0.8
19.3 ± 0.8
20.4 ± 0.7
13.8 ± 0.6
33.5 ± 1.2
33.7 ± 1.3
35.2 ± 1.1
17.2 ± 0.6
20.8 ± 0.6

21.5 ± 0.9
21.2 ± 1.0
21.6 ± 0.9
18.5 ± 0.7
18.5 ± 0.8
14.0 ± 0.7
17.9 ± 0.8
18.2 ± 0.8
17.4 ± 0.6
35.0 ± 1.1
19.8 ± 0.7
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Fig. 3. TEM images of the as-cast M4433 (a, b), in which the dark-ﬁeld image of the BCC/B2 region shows that BCC particles are embedded in the B2 matrix; (c): SEM image of the
coarse columnar dendrites in M1121, in which nanoparticles are identiﬁed by the dark-ﬁeld TEM analysis (d) as the cuboidal B2 particles in BCC matrix; (e): SEM image of M1112,
showing the cuboidal particles are distributed in the matrix, which are identiﬁed by the dark-ﬁeld TEM analysis (f) as cuboidal B2 particles in BCC matrix; (g): SEM image of Al3M14
HEA showing a weave-like morphology.
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dual-phase (FCCþBCC) structure before.
On the other hand, in the BCC-dominant HEA M1121, observed
coarse columnar dendrites actually consists of a disordered BCC
matrix and uniformly-dispersed nanoparticles (dark phase in
Fig. 3c). TEM dark-ﬁeld image taken from the dendritic region
(Fig. 3d) shows that these cuboidal nanoparticles with a size of
about 50e100 nm are B2 particles coherently embedded in the BCC
matrix, as indicated by the SAED pattern (inset of Fig. 3d). This
intriguing morphology is notably similar to that observed in the Nibase superalloys, namely, a uniform dispersion of coherent
cuboidal ordered g0 (L12-Ni3Al) particles in the parent FCC g matrix
[37,38]. At increasing the Cr content instead of Fe, the FCC phase
completely disappears in M1112 and the alloy shows a microstructure consisting of the dispersion of cubiodal B2 nanoparticles
(bright phase) with a size of about 80e120 nm that are coherent
with the BCC matrix, as indicated by the SAED pattern (Fig. 3e and
f). In comparison, when the Al content is varied from Al2M14
(12.5 at. % Al) to Al3M14 (17.6 at. % Al), instead of mutating the TMs, a
weave-like spinodal decomposition of B2 and BCC begins to occur
(Fig. 3g), leading to a brittle alloy. It is particularly noted that, no
matter an alloy has a BCC or FCC-dominant structure, interfacial

coherency between BCC and B2 is always retained, although the
exact morphology of phase distribution in different regions
strongly depends on the chemical compositions of the alloy.
The interface between BCC and B2 was further examined using a
high-resolution TEM (HRTEM) and the results are given in Fig. 4a, in
which a mixture of BCC and B2 phases in M1112 alloy is shown. The
fast Fourier transformation (FFT) patterns of a B2 (Fig. 4b), BCC
(Fig. 4c), and another B2 (Fig. 4d), indicate the (100) atomic planes
of B2 particles. An enlarged image (Fig. 4e) and its correpsonding
schematic illustration (Fig. 4f) clearly reveal the interfacial coherence between the BCC matrix and B2 particles. We also made effort
to map the chemical distribution of elements in the BCC/B2 regions
using STEM and the results are given in Fig. 5. It shows that Al and
Ni are enriched in the B2 particles, but depleted in the BCC matrix.
In addition, while Fe, Co, and Cr are preferentially segregated in the
BCC matrix.

4.2. Mechanical properties
To examine the effect of microstructure on mechanical properties, both uniaxial tension and compression tests were conducted.

Fig. 4. HRTEM images of M1121 alloy. (a): A HRTEM image showing the interfaces between the BCC matrix and two B2 particles with FFT patterns of B2 (b), BCC (c) and B2 (d),
respectively; (e): A high-magniﬁcation HRTEM image caught from (a), showing details of the BCC/B2 interface; (f): Diagrammatic sketch of (e).
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Fig. 5. The elemental distribution in the BCC/B2 region of M1121 alloy mapped with STEM.

Engineering tensile stress-strain curves of the current ﬁve HEAs
tested at the room temperature are depicted in Fig. 6a. Tensile yield
strengths (sty), ultimate tensile strength (stUTS), and uniform elongation (d) corresponding to stUTS of these alloys are listed in Table 1.
The two FCC-dominant HEAs, M1111 and M4433, exhibit large tensile
plasticity and, in particular, M4433 is noted to deform signiﬁcantly
without fracture, even beyond the displacement limit preset by our
test machine (d > 33%). Interestingly, these ductile alloys do not
show macroscopic sample necking prior to fracture. In other words,
their ductility values are the same as uniform elongation. Yield
strengths of the FCC-dominant alloys are generally lower than that
of BCC-dominant alloys. For example, M1121 has a high strength of
sty ¼ 991 MPa and a lower ductility of d ¼ 8.2%. However, in the case
of BCC-structured M1112 and Al3M14, alloys appear to be completely
brittle. In fact, these two alloys exhibit cleavage fracture before
reaching the yielding point. The brittleness is related to casting
defects, as will be discussed in the next section.
In order to obtain the yield strengths of brittle M1112 and Al3M14
alloys and to investigate possible yield asymmetry, compression
tests were conducted on all alloys and their true stress-strain
curves are shown in Fig. 6b. Compressive yield strengths (scy) of
the studied alloys are also listed in Table 1, from which it is observed
that the scy is comparable with the sty, with the former only slightly
higher (~5e8%) than the latter. Compressive yield strength of the
FCC-dominant M4433, can be apparently enhanced by the insertion
of inter-dendritic BCC/B2 phase, for example, from 387 MPa in
M4433 to 614 MPa in M1111, as a result of increasing BCC/B2 phase
content from 15% to 35% (in volume fraction). When the BCC
structure becomes dominant, such as in M1121 which contains
about 25% of the FCC phase, the compressive yield strength jumps
sharply to 1085 MPa. In fact, the strength of the single-phase, BCCstructured M1112 even reaches a higher value of scy ¼ 1718 MPa,
about 3e4 times of the value for the FCC-dominant HEAs. In
comparison, the BCC Al-rich Al3M14 alloy has a weave-like BCC/B2
microstructure exhibits a lower yield strength of 1399 MPa.
We also performed microhardness (HV) measurements on
various samples and the results are listed in Table 1. HV varies,
depending on the structure of alloys. As shown in Fig. 7, the
measured HV value scales linearly with the yield strength, obeying

the traditional Tabor relation [52], namely HV ¼ a * sy, with the
proportional coefﬁcient a being about 3.3.
4.3. Fracture surfaces
Fracture surfaces of samples after tension tests were examined
by SEM, as shown in Fig. 8. For the high-strength BCC-structured
M1112 and Al3M14, the fracture morphologies exhibit quasi-cleavage
river-pattern characteristics, indicating brittle materials (Fig. 8a
and b). For M1112 (B2 particle-reinforced BCC matrix), crack always
initiates from a cast void. Several attempts were made to suction
cast M1112, but viscosity of the melt was apparently too high to
prohibit the synthesis of defect-free samples. Therefore, the
observed fracture mode may not represent the true, intrinsic
feature. Nonetheless, based on its extremely high yield strength,
the alloy is not expected to be ductile. For Al3M14, the cleavage
fracture in Al3M14 might be induced by the weave-like spinodal
decomposition, as shown in the high-magniﬁcation fractography in
Fig. 8b, in which the modulated structure is readily visible.
By contrast, the fracture surfaces of mixed BCC-FCC structured
M1121 have numerous dimples after tension, indicating a large
plasticity (Fig. 8c). In addition, the TEM image (Fig. 6c) also shows
the presence of a large amount of dislocations in the innerdendritic region (microstructure: cuboidal B2 precipitates
dispersed in BCC matrix) in the M1121 after tension, indicating a
large plastic ﬂow in BCC/B2 region. Notably, tangled dislocations
are also observed in the BCC/B2 M1112 sample after compression, as
shown in Fig. 6d. For the ductile FCC-based M1111, a typical dimple
morphology is revealed on the fracture surface, as shown in Fig. 8d.
4.4. Precipitate stability
Microstructural stability of M1112 which contains cuboidal
coherent precipitates is examined. Samples were initially heattreated at temperatures ranging from 673 to 1073 K for 2 h and,
then, followed by water-quenching. The resulting microstructures
are presented in Fig. 9. It appears that the cuboidal morphology of
the B2 nanoprecipitates is maintained up to 873 K (Fig. 9a and b),
below which the only obvious change is the gradual increase of the
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above 973 K, however, B2 particles begin to raft, as seen in Fig. 9c
and d, indicating the loss of stability. Worse yet, the notorious
brittle s phase (tP-FeCr) with a tetragonal structure begins to
appear at T > 873 K, as identiﬁed by the XRD result in Fig. 10a. It is a
result of destabilization of the coherent microstructure. In fact, the
BCC matrix is gradually replaced by the growth of s phase with
increasing temperature, since the BCC matrix is enriched with Fe,
Co, and Cr, as demonstrated by the STEM results (Fig. 5). This result
agrees with the notion that, in many stainless steels, the segregation of Fe and Cr can accelerate the formation of s phase within the
temperature range of 773e1073 K [53]. Our microhardness data as
a function of temperature also afﬁrm this phase transition of BCC to
s. As shown in Fig. 10b, the microhardness value of the heat-treated
M1112 below 873 K remains almost constant at HV ¼ 626, but increases drastically to a high value of HV ¼ 850 when the temperature is above 873 K. Therefore, it may be concluded that, in this
series of Al-Ni-Co-Fe-Cr HEAs, the microstructure of cuboidal
coherent precipitation is stable below 873 K, beyond which brittle
s phase begins to appear inevitably due to the excessive Fe and Cr
in the BCC regions.
5. Discussion
5.1. Structural evolution and strength of Al2M14 HEAs

Fig. 6. Engineering tensile (a) and true compressive (b) stress-strain curves of Al2M14
and Al3M14 HEAs. TEM morphologies of M1121 after tension and M1112 after compression are shown in (c) and (d), respectively.

Fig. 7. Variations of compressive yield strength scy, microhardness HV and crystal
structures with VEC of the designed HEAs.

size of B2 particles with the annealing temperature, for example,
from 70e110 nm at 673 K to 110e160 nm at 873 K. At a temperature

Several parameters, such as atomic size and enthalpy of mixing,
have been proposed to affect the phase structure formation in HEAs
[54,55]. For instance, adding foreign element with larger atomic
size is expected to distort the crystal lattice, thus destabilize a closepacked FCC structure and to promote the formation of loose-packed
BCC structure [56], for example, the addition of large Al atom into
FCC-NiCoFeCr(Mn) alloy [57]. The electron concentration is another
factor that can affect the phase stability via the interaction between
the Fermi surface in real space and the Brillouin zone in the
reciprocal space [58]. In this case, since it is often difﬁcult to obtain
the exact value of the valence electrons per atom in a multicomponent system, the valence electron concentration (VEC), i.e.,
P
VEC ¼ ni¼1 ci ðVECÞi , where ci is the atomic percentage and (VEC)i is
the VEC value of the ith element, is adopted. Several efforts have
been also made to determine the stability of FCC and BCC HEAs
using this empirical parameter [59].
In the present study, we adopted the latter method and found
that our HEA series with VEC < 7.35 exhibit a single BCC/B2 solid
solution structure, and HEAs with 7.35 < VEC < 8.0 have a dualphase of (FCC þ BCC); this is shown in Fig. 7. The tendency of the
structural evolution with the VEC, by mutating the TMs, is actually
quite similar to that by varying the Al content. The slight difference
seems to be the exact VEC values for deﬁning the phase regions,
namely, the dual-phase region in the present alloy series is slightly
narrower comparing with that (6.87 < VEC < 8.0) in the literature
[59].
To correlate the mechanical strength with the crystal structure,
variations of compressive sy and HV as a function of VEC for the
currently-studied ﬁve HEAs are plotted in Fig. 7. For easy discussion,
various phase boundaries are also drawn. Both sy and HV are noted
to decrease as the VEC value increases and the single-phase BCC
alloys (M1112 and Al3M14) have the highest strength and hardness.
By contrast, the FCC-dominated alloys (M1111 and M4433) have the
lowest strength, but with a much better ductility (Fig. 6a). From a
practical point of view, the dual-phase HEAs seem to have a more
balanced strength-ductility property. These results demonstrate
that the mutation of transition metals in the Al2M14 HEAs, instead
of only adding Al, is also able to produce similar effects on the phase
structures in HEAs. In fact, high tensile strength and good ductility
in some special HEAs, e.g., M1121, seems tunable. The present results
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Fig. 8. SEM fractographies of various HEAs after tension, including M1112 (a), Al3M14 (b), M1111 (c) and M1121 (d).

Fig. 9. SEM images of M1112 annealed at 673 K (a), 873 K (b), 973 K (c), and 1073 K (d) for 2 h, respectively.

also indicate that VEC is a practical parameter to evaluate structural
stability in HEAs designed by the current composition formula
approach.
It is especially noted that, in this Al2M14 HEA series, the presence
of the BCC phase is always accompanied by the coherent B2 phase,
which contributes to the strengthening of the alloys. In the
following, we will discuss microstructural variables that determine
the formation and morphology of these coherent precipitates.

5.2. Formation of cuboidal coherent precipitates
From both the SEM and TEM observations (Fig. 3), we found
that, no matter it is in FCC- or BCC-dominant HEAs, ordered B2
phase always appeared together with the BCC phase. For instance,
in the inter-dendritic regions of the FCC-dominant M4433 alloy, the
ellipsoidal BCC nanoparticles were embedded coherently in the
ordered B2 matrix (Fig. 3a and b). The presence of BCC/B2 region is
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high-Al HEA Al3M14 shows a spinodal weave-like microstructure
(Fig. 3g), often observed in single BCC HEAs with a high Al content
[60].
In principle, the equilibrium shape of coherent precipitates is
determined by minimizing the sum of the elastic and interfacial
energies [61e64]. The interface contribution to the total precipitate
energy scales with precipitate surface area, generally dominates the
shape of small-sized particles. On the other hand, the elastic energy, which is resulted from the lattice misﬁt accommodation
across the coherent interface, scales with the volume of particles
and dominates the shape of large-sized particles. Thus, the shape is
a function of the particle size. For example, the shape of Al3Sc
coherent particles in (Al, Sc)-based alloys changes from sphere to
cuboid and, then, plate as the particle size continuously increases
[64]. The relative importance of the elastic energy and the interfacial energy is evaluated through the characteristic parameter L,
i.e., L ¼ ε Cs44 r, where ε is the lattice misﬁt, C44 is the elastic constant
of the matrix, r is the average particle size (the diameter of spherical
particle or the length of cuboidal particle), and s is the average
speciﬁc interfacial energy. It has been reported [61e64] that a small
L usually corresponds to a spherical particle, which transforms to
ellipsoidal or cuboidal shape when L increases. At a larger L, the
fourfold symmetry of cuboidal particles is broken and some low
symmetric shapes, like plates, begin to appear.
In this study, the lattice misﬁt ε between BCC and B2 phases is
calculated using the equation of ε ¼ 2  (aB2-aBCC)/(aB2þaBCC),
where aB2 and aBCC are the lattice constants of B2 and BCC,
respective. The lattice constants a, lattice misﬁt ε, particle size r, and
the characteristic parameter L of the current HEAs are summarized
in Table 3, in which the C44 and s values for the BCC/B2 alloys are
taken from those of B2-NiAl phase, being C44 ¼ 130 GPa and
s ¼ 0.125 J/m2 [65e67]. The ellipsoid-shaped BCC nanoprecipitates
observed in the inter-dendritic BCC/B2 regions of the M4433 alloy
appear to result from a small L value (L ¼ 0.2). Since particle sizes in
all Al2M14 HEAs are comparable, the lattcie misﬁt ε must play the
key role in determining the shape of these particles. Along this line,
the ellipsoidal shape of precipitates in M4433 is a result of a small
lattice misﬁt of ε ¼ 0.17%. In comparison, the BCC-dominant M1121
alloy has a moderate ε of 0.38%, thus leading to the formation of
coherent cuboidal B2 precipitates. In the single-phase BCC-M1112
alloy, a slightly-high lattice misﬁt of ε ¼ 0.45% still render the alloy
with coherent cuboidal B2 nanoparticles (Fig. 3e and f) with a larger
particle size (80e120 nm) and a higher volume fraction (53e57%),
as compared to the B2 particles in M1121. When the lattce misift is
further increased, for example in the single-phase BCC-Al3M14 alloy
with ε ¼ 0.63% (Al content is higher than that in Al2M14), a weavelike morphology is formed. The L value for Al3M14 is not available
because the great difﬁculty of measuring the particle size at this
2

Fig. 10. XRD patterns (a) and microhardness HV (b) of M1112 annealed at different
temperatures.

apparently resulted from a high Al content, as evidenced by the fact
that the composition of this region is Al21.2Ni29.9Co21.1Fe13.8Cr14.0
(at. %, Table 2). On the other hand, in the BCC-dominant M1121 alloy,
ordered cuboidal B2 nanoparticles are observed to coherently
disperse in the dendritic BCC matrix (Fig. 3c and d). Interestingly,
similar morphology is also observed in the single-phase BCC M1112
alloy (Fig. 3e and f). Largely different from the Al2M14 family, the

Table 3
Lattice constants (aB2 and aBCC) of the ordered B2 and its parent BCC matrix, lattice misﬁts ε, average sizes (r) of precipitates (the diameter of spherical particle or the length of
cuboidal particle), and the parameter L (related to the shape of precipitates) in the designed Al2M14 and Al3M14 HEAs.
Chemical compositions
(at. %)

aB2
(Å)

aBCC
(Å)

ε
(%)

r
(nm)

La
(101)

M1111

Al12.5Ni21.875Co21.875Fe21.875Cr21.875

60

0.2

M1121

Al12.5Ni17.5Co17.5Fe35Cr17.5

0.59
±0.15
0.17
±0.08
0.38 ± 0.07

e

Al12.5Ni25Co25Fe18.75Cr18.75

70

1.1

M1112

Al12.5Ni17.5Co17.5Fe17.5Cr35

2.1

Al17.64Ni20.59Co20.59Fe20.59Cr20.59

0.45
±0.11
0.63
±0.17

100

Al3M14

2.854
±0.006
2.871
±0.002
2.862
±0.004
2.856
±0.003
2.866
±0.004

e

M4433

2.871
±0.007
2.876
±0.004
2.851
±0.005
2.869
±0.006
2.884
±0.005

e

e

a

L¼ε

2

C44 r
s ,

in which C44 ¼ 130 GPa and s ¼ 0.125 J/m2 for BCC/B2 alloys [65e67].
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state. However, in an analogy, the observation of spinodal microstructure reported in the high Al-containing BCC-AlxNiCoFeCr
(x > 0.7) might be attributable to a high lattce misift [31,35].
The morphology of secondary phase apparently has a profound
effect on the mechanical properties. For example, although both
M1112 and Al3M14 have a single BCC structure, the compressive yield
strength of M1112 alloy is higher than that of the Al3M14 (M1112:
scy ¼ 1718 MPa; Al3M14: scy ¼ 1399 MPa, in Table 1). The strength
difference is obviously caused by different microstructures
composed of BCC and B2 phases, speciﬁcally, the former contains
cuboidal coherent precipitates, but the latter has a weave-like
morphology. The fact that a large amount of dislocations was
observed in the BCC phase and terminated at the BCC/B2 interfaces
in M1112 after compression (Fig. 4d) and in M1121 alloy after tension
(Fig. 4c) indicated that extensive plasticity has occurred in these
samples. Notably, such dislocation structure was also frequently
observed in g/g0 -type Ni-based superalloys [37,38] which had a
uniform distribution of cuboidal coherent precipitates. In the current case, the desirable microstructure is produced by varying the
combinations of transition metals, thus tuning the lattice misﬁt.
5.3. Strengthening effect by coherent-precipitates
The mechanism for precipitation strengthening can be divided
into two categories, Orowan bowing or particle shearing, depending on the interaction between moving dislocations and precipitates. Orowan mechanism generally occurs when the particles
are large or incoherent with the matrix, while the shearing
mechanism dominates when the precipitates are coherent and
small. For the coherent precipitation, three factors contribute to the
increase in yield strength, coherency strengthening (DsCS),
modulus mismatch strengthening (DsMS), and order strengthening
(DsOS). These strengthening processes are sequential, the former
two (DsCS and DsMS) occur prior to the shearing of precipitates by
dislocations, and the latter one (DsOS) during the shearing. In this
case, the larger of (DsCS þDsMS) or DsOS is expected to be the total
strength increment from the shearing mechanism. The equations
available to calculate these strength increments are [68e74]:
3



DsCS ¼ M*aε *ðGεc Þ2 *

DsMS

12
rf
;
0:5Gb

(1)

 12  3m1
2f
r 2
¼ M*0:0055*ðDGÞ *
*
;
G
b
3
2



g
3pf
DsOS ¼ M*0:81* apb *
2b

8

12

(2)

;

(3)

where M ¼ 2.73 for BCC structure and 3.06 for FCC structure (Taylor
Factor) [52], aε ¼ 2.6 (a constant) [70,71], m ¼ 0.85 (a constant)
[72,73], εc ¼ 2ε/3 [69e71], the constrained lattice misﬁt. G and DG
are the shear modulus of the matrix and the shear modulus
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mismatch between precipitates and matrix, respectively; b is the
Burgers vector; r is the average particle size and f is the volume
fraction of the precipitates, respectively; gapb is the anti-phase
boundary energy of the precipitates.
By applying these equations, the strength increments of DsCS,
DsMS, and DsOS in the BCC M1112 alloy containing B2 nanoprecipitates are calculated to be DsCS ¼ 2041 MPa, DsMS ¼ 46 MPa,
and DsOS ¼ 900 MPa, respectively. Parameters used for calculations
are G ¼ 83 GPa (for a-Fe) [75], b ¼ √3  aBCC/2 ¼ 0.2473 nm,
r ¼ 100 nm, f ¼ 0.55, DG ¼ 83e80 ¼ 3 GPa (the shear modulus of B2NiAl is G ¼ 80 GPa [65]), and gapb ¼ 0.25 J/m2 [66], which are also
listed in Table 4. The strength increment DsOS from the order
strengthening is noted to be less than (DsCS þ DsMS) from coherency strengthening and modulus mismatch, suggesting the
coherency strengthening dominates when the size of coherent
precipitates is large (>40 nm) [10,11]. The same case also occurs in
BCC-structured M1121 alloy.
It should be pointed out that the magnitude of (DsCS þ DsMS) is
functions of r, f, and, especially, the lattice misﬁt ε. In this case, since
the shearing and bypassing mechanisms occur concurrently and
are independent to each other, the strengthening is determined by
the smaller of (DsCS þ DsMS) or Dsorowan. In other words, the softer
mechanism initiates the plastic deformation. Ideally, the largest
yield
strength
increment
could
be
reached
when
(DsCS þ DsMS) ¼ Dsorowan at a critical particle size r0 with a ﬁxed f.
The strength increment Dsorowan is governed by the dislocation
bypassing mechanism and can be calculated with the equation
[52,76e78]:

 rﬃﬃﬃ

2
ln
2
r=b
0:4Gb
3
Dsorowan ¼ M* pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ*
lp
p 1v
rﬃﬃﬃ rﬃﬃﬃﬃﬃ

2
p
1 ;
lp ¼ 2 r
3
4f

(4)

where v is the Poisson ratio (v ¼ 0.3 for the BCC HEAs [52]), and lp is
the inter-precipitate spacing. Thereof, the calculated critical size of
the B2 cuboids in M1112 HEA is r0 ¼ 88 nm, which is actually quite
consistent with the experimental average value of r ¼ 100 nm.
Similarly, in the case of M1121 alloy, the experimental size r ¼ 70 nm
of the cuboidal B2 particles is also close to the optimal value of
r0 ¼ 60 nm. In both alloys, the largest strength increment was obtained not only through the optimization of the particle size but
also through a uniform dispersion of these coherent particles in the
matrix.
In perspective, strengthening caused by the two mechanisms,
(DsCS þ DsMS) and Dsorowan, are plotted as a function of r for the
current BCC M1121 and M1112 HEAs, as shown in Fig. 11. For comparison, calculations for precipitation-hardened FCC-(FeCoNiCr)94Ti2Al4 HEA (at. %) are also included [10]. Material parameters used
for the calculations are listed in Table 4. It is of interest to note that
the experimentally-measured particle size r is almost the same as

Table 4
Data used for the strength calculations. M: Taylor factor; G: shear modulus of matrix; b: Burger's vector; y: Poisson ratio; ε: lattice misﬁt between the precipitate and the matrix;
r: average size of precipitates; f: average volume fraction of precipitates; r0: the optimal size of precipitates for the maximum strength increment.
Alloys

M [52]

G (GPa)

b
(nm)

y

ε
(%)

f

r
(nm)

r0
(nm)

M1121
(Al12.5Ni17.5Co17.5Fe35Cr17.5 at. %)
M1112
(Al12.5Ni17.5Co17.5Fe35Cr17.5 at. %)
(FeCoNiCr)94Ti2Al4 (at. %) [10]

2.73

83 [75]

0.2478

0.30 [52]

0.38

0.4

70

60

2.73

83 [75]

0.2473

0.30 [52]

0.45

0.55

100

88

3.06

81 [79]

0.2550

0.33 [79]

0.26

0.233

25

66

224
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based alloys can be manipulated and controlled more ﬂexibly
than simply by adding Al alone. In perspective, the current
design approach allows us to tune the lattice misﬁt and, subsequently, optimize the properties of precipitation-hardened
HEAs.
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Fig. 11. Computations of (DsCS þ DsMS) and Dsorowan as a function of particle size r for
the present M1121, M1112 HEAs and another precipitation-hardened HEA [10]. The
optimal particle sizes (r0) are marked for each alloy.

the theoretically-predicted r0 for the present two HEAs. However,
in the case of FCC-(FeCoNiCr)94Ti2Al4 HEA, the strength increment
(DsCS þ DsMS) is only about half of the possible maximum value.
The difference might be attributed to the fact that the practical
particle size r ¼ 25 nm is much smaller than the optimal r0 ¼ 66 nm.
6. Conclusions
In this study, the microstructural evolution, phase transition,
formation of cuboidal precipitates, and mechanical properties of AlNi-Co-Fe-Cr HEAs based on the composition formula of Al2M14 (M
represents different mutations of the four transition metals) have
been investigated. The following conclusions are drawn.
1) The phase formation and mechanical properties of these Al2M14
HEAs are closely related to the valence electron concentration
VEC. With decreasing VEC, the crystal structure switches from a
dual-phase of (FCC þ BCC/B2) to a single BCC/B2 phase, resulting
in a drastic enhancement in strength at expense of ductility.
2) In either FCC or BCC-dominated Al2M14 alloys, the BCC solidsolution phase is always accompanied by the presence of ordered B2 particles. In the BCC-dominated and single-phase BCC
alloys, in particular, B2 particles are coherently distributed in the
BCC solid-solution matrix.
3) The shape of coherent B2 precipitates is determined primarily
by the lattice misﬁt ε between the BCC matrix and B2 phase. A
small ε (ε < 0.2%) results in spherical/ellipsoidal precipitates. At
a moderate ε (ε ~ 0.4%), a microstructure with uniform distribution of coherent cuboidal B2 nanoprecipitates is obtained. At
a large ε (ε > 0.6%), however, a weave-like microstructure is
developed, which causes serious ductility loss.
4) We have calculated the strengthening effect predicted by the
particle shearing and Orowan bowing mechanisms and the
calculations are compared favorably with experiments. The
lattice misﬁt parameter appears to be the most effective factor
to control the strength of the alloy, and speciﬁcally an intermediate value of ε ~0.4% produces the strength maximum. For
example, a single-phase BCC-Al2M14 (M ¼ Ni1Co1Fe1Cr2) with
ε ¼ 0.45% exhibits the highest compressive yield strength
(scy ¼ 1718 MPa).
5) We have demonstrated that, by mutating the transition elements in Al2M14 HEAs, the microstructure of Al-(Ni-Co-Fe-Cr)-
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